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We report results of molecular dynamics simulations that reveal fcc→hcp martensitic transformations in
biaxially strained ultrathin films of face-centered cubic metals. We find that martensites nucleate at the surface
and grow into the bulk of the film due to dislocation glide; in this process, the magnitudes of the relative
atomic slip displacements are identical to those proposed for Bain transformations. Mechanical stability analy-
sis shows that the onset of the phase transformation is consistent with the onset of a shearing instability of the
thin film.
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I. INTRODUCTION

Structural transformations in steel during rapid cooling
from high temperatures lead to hardening and strengthening
of the material. Deforming the material at shock-loading
rates may have similar effects on its mechanical properties.
Such structural transitions, known as martensitic transforma-
tions, have been studied for over 100 years in ferrous alloys
and other metals. A martensitic transformation is a stress-
driven diffusionless structural phase transition that occurs
through collective atomic motion.1,2 Martensite phases can
nucleate both homogenously, when the bulk material is sub-
jected to high temperature and/or pressure or stress, and het-
erogeneously at lattice defects. Martensitic transformations
have been exploited to improve the strength of alloys and
ceramics1–3 and to design shape memory alloys,4 as well as
various microscale and nanoscale devices.5 Such transforma-
tions occur even in biological systems.6 Homogeneously
nucleated martensitic transformations in bulk materials sub-
jected to high pressure and temperature have been studied
both experimentally1,2 and theoretically.7–10 However, the
study of heterogeneous nucleation of martensite phases has
been limited. Heterogeneous nucleation is most commonly
observed in thin films of pure metals and alloys due to the
prevalence of heterogeneous nucleation sites, such as sur-
faces and interfaces.11–14

In experimental studies of structural transitions in thin
films of various materials, it was found that substrate-
induced stress can cause martensitic transformations11 and
that stacking faults play a dominant role in these transforma-
tions even under shock-loading conditions.12,13 Experimental
studies also suggest that the occurrence of martensitic trans-
formations depends on the crystallographic orientation of the
film surface15 and that martensitic transitions can cause thin-
film surface roughening.16 In spite of these advances, how-
ever, a fundamental understanding of the martensitic transi-
tion mechanisms and the implications of these
transformations for thin-film properties and function remain
elusive. Such a fundamental understanding of structural re-
sponse is required in predicting the mechanical behavior of
metallic thin films that are widely used in nanotechnological
applications,17 as well as in microelectromechanical and na-
noelectromechanical systems engineering.5 In this paper, we

report an atomic-scale analysis, which is based on large-scale
molecular dynamics �MD� simulations, of martensitic trans-
formations from a face-centered cubic �fcc� to a hexagonal
close-packed �hcp� phase in ultrathin �a few nanometers

thick� Cu films with �11̄0� surface orientation that have been
strained biaxially at shock-loading strain rates. Our simula-
tions reveal that at high levels of applied tensile strain, the
martensite phase is nucleated heterogeneously at the thin-
film surface and grows into the bulk of the film due to the
propagation of stacking faults caused by the glide motion of
partial dislocations that bound the faults. Consistently with
recent experimental findings,11–16 our simulation results em-
phasize and elucidate the important role of stacking faults
and surface crystallographic orientation in facilitating mar-
tensitic transformations of metallic thin films under shock-
loading conditions. The transition onset and the orientation
relationship between the parent and the martensite phase are
consistent with the onset of a shear instability in the �001�fcc
crystallographic plane.

This paper is structured as follows. The interatomic inter-
actions in the metallic films used in our study, as well as the
computational methods employed in our molecular dynamics
simulations and the analysis of the simulation results are
described and discussed in Sec. II. In Sec. III, the simulation
results are presented and the observed martensitic transfor-
mations are analyzed systematically and are also discussed
from the viewpoint of the films mechanical stability. To
verify our predictions and validate the statements made
based on our analysis, we have carried out calculations em-
ploying two different interatomic interaction potentials; the
most important comparisons of the predictions of the two
potentials, in the context of martensitic transformation, are
presented in Sec. IV. Finally, the main conclusions of our
study are summarized in Sec. V.

II. MOLECULAR DYNAMICS SIMULATIONS

We studied the response of freestanding ultrathin fcc me-
tallic films to applied biaxial tension through isothermal-
isostrain MD simulations at T=100 K; the model and meth-
ods employed have been discussed in Ref. 18. Specifically,
the interatomic interactions were described according to the
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embedded-atom-method �EAM� potential for Cu developed
by Oh and Johnson.19 In this EAM parametrization, the total
energy of the fcc lattice under uniform compression and di-
lation is required to obey the universal equation of state pro-
posed by Rose et al.20 As a result, the EAM potential ac-
counts properly for the lattice anharmonicity21 and provides
a good modeling framework for simulating high-pressure
and shock-loading experiments.20,21 The potential has been
tested extensively regarding its predictions of structural and
mechanical properties.22 To verify further the reproducibility
of our results and robustness of our statements, we have
repeated our calculations with a second EAM potential for
Cu that was parametrized by Mishin et al.23 by explicitly
fitting to the generalized stacking fault energy of Cu; here,
we refer to this potential as EAM-Mishin. The results that we
obtained using both of these potentials were in excellent
qualitative and very good quantitative agreement. The most
important of these comparisons are presented in Sec. IV.

We used slab supercells with free surfaces in the z direc-
tion; the Cartesian x, y, and z axes were taken along the

�111�, �1̄1̄2�, and �11̄0� crystallographic directions, respec-

tively, and the surface plane was the �11̄0� crystallographic
plane. The simulation cells examined contained 1 272 000
�576 000� atoms with cell dimensions of Lx�Ly �Lz
=56.35�53.13�5.11 nm3 �37.57�35.42�5.11 nm3� in
the unstrained state. The thin films were strained biaxially by
expanding the supercell uniformly along x and y up to a
chosen strain level, �, at the rate of 3�1011 s−1, and then
isostrain conditions were maintained during structural relax-
ation �the strain components �xx=�yy =�; �zz was not con-
trolled�. The responses of both the smaller and the larger
films were found to be identical and the atomistic mecha-
nisms identified were not affected by the strain rate over a
one-order-of-magnitude range examined. Point and line de-
fects in the films were identified by calculating the atomic
coordination numbers and by conducting common neighbor
analysis24 in order to identify atoms in locally perfect hcp
and fcc lattice arrangements. The public-domain computer
software ATOMEYE was used for visualization of the MD-
generated atomic configurations.25

III. MARTENSITIC TRANSFORMATION AND STABILITY
ANALYSIS

Our MD simulations reveal that for applied biaxial
strains, ��5%, structural relaxation in the thin films occurs
through the nucleation and glide of Shockley partial disloca-
tions and threading dislocation loops, which lead to forma-
tion of stacking faults; these faults are identified as atoms
arranged locally in a perfect hcp lattice. The percentages of
different types of atoms in the thin films are plotted in Fig.
1�a� as a function of � after steady state has been reached at
each strain level examined. The steep increase in the percent-
age of hcp atoms for ��10% demonstrates the structural
transition of the Cu thin film from a fcc to a hcp lattice. The
top views of the thin films subjected to applied biaxial strains
�=9% and 12% are shown in the insets of Fig. 1�a� and
highlight the difference in the structural response to the dif-
ferent levels of �; the top view of the thin film under �

=12%, which has undergone a fcc→hcp transformation, re-
sembles �very closely� that of experimentally observed
martensites.11–16,26 Martensitic transformations induced by
thermal or mechanical strains have been observed in experi-
mental studies at moderate �1�102–1�103 s−1� and high
��1�106 s−1� strain rate deformations of 304L stainless
steel.13 Moreover, heterogeneous martensitic transformations
induced by plastic deformation have also been reported in
experimental studies where shock loading was applied
through ball milling12 or by conducting shock-recovery
experiments.14 This fcc→hcp transition is most evident from
the evolution of the pair-correlation function, g�r�, shown in
Fig. 1�b� during the strain relaxation of a Cu thin film with a
fcc lattice structure initially, after it has been strained biaxi-
ally to �=12%. For example, an unambiguous indication of

FIG. 1. �Color online� �a� Dependence on the applied biaxial
strain, �, of the percentages of various kinds of atoms in strain-
relaxed thin films at t=32.48 ps, where the MD simulation time, t,
is recorded starting from the film at its unstrained state. Blue solid
circles denote percentages of structural defects, while red and green
solid circles denote percentages of atoms in hcp and fcc lattice
arrangements, respectively. The insets show the top views of the
strain-relaxed thin films subjected to applied biaxial strains �=9%

and 12%; the surface plane is the �11̄0� plane. Atoms in locally
perfect fcc and hcp environments are colored dark and light blue,
respectively, while the remaining colored atoms are inside disloca-
tion cores. Surface atoms are not shown for clarity. �b� Evolution
�shown by upward shifting� of the pair-correlation function, g�r�,
during the strain relaxation of a Cu thin film with a fcc lattice
structure initially strained biaxially to �=12%. Solid triangles and
circles indicate peak positions in the g�r� that correspond to the
sequence of coordination shells in perfect fcc and hcp crystals, re-
spectively, and a0=3.615 Å is the equilibrium lattice parameter of
fcc Cu. The absence of sharp peaks in the early g�r� of the fcc film
is due to a disordering of the fcc lattice as a result of straining at
shock-loading rates.
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the fcc→hcp transition is the appearance of the third and
fifth peaks in the g�r� curve shown in black, which is char-
acteristic of a hcp lattice. The resulting hcp Cu has a lattice-
parameter ratio of c /a=1.612, i.e., very close to that of the
perfect hcp lattice, �8 /3�1/2. We conclude that structural re-
laxation after biaxial tensile straining to ��10% results in a
martensitic fcc→hcp transformation.

Figure 2 shows a cross-sectional view of the structural
evolution during strain relaxation of the thin film that has
been strained biaxially to �=12%; the plane shown corre-
sponds to the �001� crystallographic plane of the original fcc
phase, �001�fcc. This evolution sequence shows the film as it
undergoes structural transition from its initial fcc lattice. Af-
ter the biaxial straining of the film and during the subsequent
structural relaxation at isostrain conditions ��=12%�, mul-
tiple partial dislocation loops are emitted simultaneously
from the film surface and glide in successive �111� slip
planes along �112� directions; these loops have Burgers vec-
tors �a /6��112� where a is the fcc lattice parameter. The
glide of these loops in successive atomic planes is analogous
to twinning mechanisms that are observed commonly in fcc
metals27 and leads to the nucleation of a shear-induced hcp
phase near the film surface �Fig. 2�b��. The martensite then
propagates and the hcp phase grows as the dislocation loops
extend into the bulk of the film �Figs. 2�c� and 2�d��. The
�001�fcc plane �Fig. 2�a�� now corresponds to the �0001�hcp
plane �Fig. 2�d��, i.e., the basal plane of the hcp lattice struc-
ture. The habit plane of the heterogeneously nucleated
�001�fcc	 �0001�hcp structural transition, i.e., an invariant crys-
tallographic plane common to both the parent lattice and the

martensite, was found to be normal to the �11̄0�fcc direction

and parallel to the original film surface plane.
Martensitic transformations of the �001�fcc	 �0001�hcp type

have also been observed in large-scale MD simulations of
shock loading of body-centered cubic �bcc� metals8 and have
been analyzed in a recent first-principles study.10 In those
studies, however, the martensite was found to be nucleated
homogeneously. In addition, in the study in Ref. 10, the
transformation mechanism involved slip of �001� planes and
an intermediate orthorhombic state, which is not observed in
our MD simulations. Our analysis reveals that the martensitic
transformation in biaxially strained thin films is mediated by
plastic deformation. The structural evolution depicted in Fig.
2 shows that the transformation is facilitated by the disloca-
tion glide motion and the martensite phase grows due to the
propagation of the stacking faults bounded by these partial
dislocations. Furthermore, in our earlier MD simulations of
strain relaxation in biaxially strained thin metallic films with
�111�-oriented free surfaces, martensitic transformations
were not observed.18 In this study, the low symmetry of the

�11̄0�fcc surface plane limits the availability of the
�110��111� and �112��111� slip systems and leads to nucle-
ation of line defects in successive �111�fcc slip planes, which
facilitates the martensitic transformation.

We have analyzed the magnitudes of the atomic displace-
ments for the atoms in the structurally transformed thin film
that have undergone slip relative to their neighbors in the
unstrained fcc state, which is taken as the reference configu-
ration. The slip vector of an atom, �, in the thin film is given
by s�=−�1 /ns�
���

ns x��−X��, where x�� and X�� are the
distance vectors between atoms � and � �from � to �� in
their current and reference configurations, respectively, and
ns is the number of neighbors of atom � that have undergone
slip;28 in our analysis, we consider the atom � to have
slipped with respect to atom � if �x��−X����0.4 Å. In Fig.
3, distributions of the slip vector magnitudes, s��s�, of all
the atoms that have slipped in strain-relaxed thin films for
various strain levels, �, are plotted. Specifically, the function

f̂�s�= f�s� / �f�s��max is plotted, where s�0f�s�ds=Nslipped and
Nslipped is the total number of atoms in the thin film that have

undergone slip displacements. For ��10%, the f̂�s� distribu-
tions are centered at the Burgers vector magnitude, b, of
perfect and Shockley partial dislocations, b=a / �2 and a / �6,
respectively. For ��10%, we observe a shift in these distri-
butions, which become centered at a�2 /6 and a / �6.

FIG. 2. �Color online� ��a�–�d�� A cross-sectional view of a bi-
axially strained �to �=12%� Cu thin film showing the evolution of
the film structure as it undergoes structural transition from an initial
fcc lattice ��a��; the plane shown is the �001� fcc lattice plane. Dark
and light blue atoms are in perfect fcc and hcp lattice arrangements,
respectively. Maroon and other colored atoms are on the surface and
inside dislocation cores, respectively. The three subdomains shown
in �d� that are embedded in the hcp-martensite phase are faulted hcp
�middle� and fcc regions.

FIG. 3. �Color online� Dependence on � of the distribution f̂�s�
of the relative slip vector magnitudes in strain-relaxed thin films at
t=32.48 ps.
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The relative slip vector magnitude that we found in our
analysis, a�2 /6, is consistent with the atomic displacements
proposed in the theoretical study of Dmitriev et al.,29 which
provided a unified theoretical framework for the description
of the Burgers and Bain mechanisms of bcc→hcp and bcc
→ fcc transformations, respectively. In both cases, the corre-
sponding relative displacement magnitudes are equal to
a�2 /6. The fcc→hcp transformation can be considered as a
combination of the Bain and the Burgers mechanisms �fcc
→bcc+bcc→hcp�, and therefore, the corresponding relative
displacement magnitude should also be a�2 /6. Nevertheless,
in our simulations, these displacements are a result of dislo-
cations gliding in successive atomic planes as opposed to
concerted motion of adjacent atomic planes in opposite di-
rections �as in the Burgers mechanism� or in the same direc-
tion �as in the Bain deformation�. The beginning of the shift
in the distributions of Fig. 3 marks the onset of the marten-
sitic transformation.

We carried out mechanical stability analysis30,31 in order
to predict the loss of the crystalline fcc lattice stability under
the conditions of our simulations. The analysis revealed that
shear, as well as Born instabilities are triggered prior to the
martensitic transformation in our metallic thin-film models.
Specifically, we calculated the modes of destabilization of
the symmetrized version, A= �1 /2��B+BT�, of the elastic
stiffness moduli matrix, B.31 Given that the habit plane is

�11̄0�fcc, we transformed B from the original coordinate sys-
tem to one with coordinate axes x�, y�, and z� that are taken

along the �110�, �001�, and �11̄0� crystallographic directions,
respectively. The form taken by matrix A implies that the
conditions for the stability of the fcc lattice are det�Am��0,
A44�0, A55�0, and A66�0, where the elements of matrix A
are expressed in contracted Voigt notation and Am is the 3
�3 matrix �Aij ; i , j=1,2 ,3�. We denote the real and posi-
tive eigenvalues of Am by �1, �2, and �3, with �1��2��3.

The eigenvalues of matrix A, �1, �2, �3, �4=A44, �5
=A55, and �6=A66, are plotted in Fig. 4 as a function of �.
For each value of �, the elements of A were computed im-
mediately after the application of the biaxial strain, i.e., at
the end of the dynamic straining period to bring the film
from its unstrained state to this strain state, �. Figure 4 shows
the onset of a shear instability in the �001� crystallographic
plane associated with the vanishing of A55 �A55=Ax�z�x�z�

=0� occurring at a strain ��10%. In the MD simulations,
for �=10%, we observe the nucleation at the surface of the
Cu thin film of isolated hcp-martensite embryos, most of
which do not extend into the bulk of the film. The MD simu-
lations also reveal that martensite grains continue to nucleate
and grow with increasing applied strain �e.g., �=11%�. The
Born instability, associated with the vanishing of �1 ��1=0�,
occurs at ��12% and leads to the breaking of the fcc lattice
symmetry. This bifurcation, the onset of the Born instability,
also causes the material to transform to a new stable lattice
structure, which is the hcp phase. The bifurcation, in con-
junction with the driving force provided by the applied
strain, leads to the growth of martensite embryos into the
bulk of the film and completes the structural transition �Fig.
2�d��; in this state, the hcp phase has grown throughout the
film thickness and the film is predominantly hcp martensite.
We conclude that the breaking of the fcc lattice symmetry in
the thin film marks the onset of martensitic transformation,
which is mediated by plastic deformation.

IV. COMPARISON OF PREDICTIONS OF TWO
INTERATOMIC POTENTIALS

The MD simulations and analysis presented in Sec. III
were based on a description of interatomic interactions in Cu
according to the Oh and Johnson potential.19 To demonstrate
the reproducibility of our results and validate our analysis
and the statements made in Sec. III, we have compared our
MD simulation results and mechanical stability analysis ac-
cording to the Oh and Johnson potential �Sec. III� with those
obtained by using the EAM-Mishin potential.23 The choice
of the EAM-Mishin potential for this comparison is due to
the excellent attributes of this potential in modeling Cu me-
chanical behavior. Importantly, the EAM-Mishin potential
was developed by fitting specifically the EAM model to the
experimentally determined stacking fault energy of Cu
�45 mJ /m2�; the stacking fault energy predicted by the
EAM-Mishin potential is 44.4 mJ /m2.23 Zhu et al.32 verified
further the ability of the EAM-Mishin potential to predict
accurately the characteristics of the first nucleated disloca-
tion in nanoindentation experiments; in particular, the poten-
tial predicted the mixed shear mode of the Shockley partial
in nanoindentation simulations. In addition, we found that
the predictions of the Oh and Johnson potential are in very
good agreement with those of ab initio calculations and
EAM-Mishin for the stress-strain curves of Cu shearing de-

formation in the �111� plane along the �112̄� direction.
Figure 5 shows the eigenvalues �1 and A55 of matrix A for

biaxially strained copper; as shown in Sec. III, these are the
eignevalues of A that go to zero first as the biaxially applied
tensile strain increases. The results for thin films that are
modeled according to the Oh and Johnson and EAM-Mishin
EAM parametrizations for copper are shown in Figs. 5�a�
and 5�b�, respectively. By comparison of the results in Figs.
5�a� and 5�b�, it is evident that the mechanical instabilities
predicted by the EAM-Mishin potential are in very good
agreement with the predictions of the Oh and Johnson poten-
tial: the agreement is excellent qualitatively �in terms of the

FIG. 4. �Color online� Eigenvalues of the symmetrized elastic
stiffness moduli matrix, A, as a function of �, as calculated imme-
diately after the application of the biaxial strain.
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variation with strain and the order that the eigenvalues “cross
zero”� and very good quantitatively.

Finally, the distribution of the relative slip vector magni-
tudes for copper thin films biaxially strained to various strain
levels are plotted in Fig. 6. Figures 6�a� and 6�b� show the
distributions predicted based on the Oh and Johnson and
EAM-Mishin potentials, respectively. Both EAM parametri-
zations predict the exact same shifts in the centers of the
distributions of slip vector magnitudes for all the atoms that

have undergone slip, f̂�s�, from Burgers vector magnitudes,
b, of perfect and Shockley partial dislocations, b=a / �2 and
a / �6, respectively, for ��10% to a�2 /6 and a / �6, and for
��10%; therefore, the two potentials are in excellent quali-
tative agreement in their predictions of the distribution shifts
with strain level � for strain-relaxed films. The relative mag-
nitudes of the peaks corresponding to the partial dislocations
and perfect dislocations, however, are not the same when
comparing simulation results based on the two different po-
tentials. We attribute these differences to the differences in
the stacking fault energies predicted by the two potentials.

Based on the above comparisons, we conclude that the
predictions of the Oh and Johnson Cu potential regarding
thin-film mechanical behavior and martensitic transformation

presented in Sec. III are reliable. These comparisons validate
our analysis and the statements made in Sec. III, based on the
analysis.

V. SUMMARY

In summary, we carried out a systematic atomic-scale
analysis of fcc→hcp martensitic transformations in

nanometer-scale-thick Cu films with �11̄0� surface crystallo-
graphic orientation. The analysis was based on molecular
dynamics simulations of film biaxial tensile straining at
shock-loading conditions followed by structural relaxation
under isostrain conditions. Our simulations revealed that
martensitic phase transformations occur at high levels of ap-
plied strain. More importantly, the martensite phase was
found to nucleate heterogeneously at the thin-film surface
and subsequently grow into the bulk of the film; the growth
process is mediated by the propagation of stacking faults,
which is caused by partial dislocation glide motion. Our re-
sults are consistent with recent experimental findings and
emphasize the important role of surface crystallographic ori-
entation in the occurrence of martensitic transformations in
strained thin films. The results also elucidate the role of
stacking faults in facilitating such martensitic transforma-
tions in fcc metallic thin films. Our analysis is also consistent

FIG. 5. �Color online� The two eigenvalues of the symmetrized
elastic stiffness moduli matrix A that go to zero first, �1 and A55,
signifying the key modes of instability for biaxially strained thin
films modeled according to the �a� Oh and Johnson �Ref. 19� and
�b� EAM-Mishin �Ref. 23� potentials.

FIG. 6. �Color online� Distributions of the relative slip vector

magnitudes, f̂�s�, for different applied biaxial strains, �, for thin
films modeled with �a� the Oh and Johnson �Ref. 19� and �b� the
EAM-Mishin �Ref. 23� potentials for copper.
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with and supports �from a computer-simulation point of
view� recent theoretical studies, which have elucidated the
emergence of lattice defects in reconstructive transforma-
tions, such as the fcc→hcp martensitic transformations, as
well as close-to-reconstructive transformations.33 Moreover,
the microstructures observed in our simulations are very
similar to those observed in experimental studies,11–16 which
support that the transformation mechanisms identified by the
MD simulations are consistent with the mechanisms that are
operative in the experiments. Finally, our mechanical stabil-
ity analysis showed that the orientation relationship between
the parent and the martensite phase and the onset of the
phase transformation are consistent with the onset of a shear
instability in the thin film.

The fundamental understanding of martensitic transfor-
mations in metallic fcc thin films under high levels of ap-
plied biaxial strain provided by our analysis can have impor-
tant implications for the mechanical reliability of thin films
that are used widely in microelectronic devices and nanofab-
rication technologies. Such a fundamental mechanistic un-
derstanding and modeling predictions may enable improved
designs of nanoelectromechanical systems.
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